We report the effect of germanium as n-type dopant on the electrical and optical properties of AlxGa1-xN layers grown by plasma-assisted molecular-beam epitaxy. The Al content has been varied from x = 0 to 0.66, confirmed by Rutherford backscattering spectrometry, and the Ge concentration was increased up to [Ge] = 1×10 21 cm −3 . Even at these high doping levels (> 1% atomic fraction) Ge does not induce any structural degradation in AlxGa1-xN layers with x < 0.15. However, for higher Al compositions, clustering of Ge forming crystallites were observed. Hall effect measurements show a gradual decrease of the carrier concentration when increasing the Al mole fraction, which is already noticeable in samples with x = 0.24. Samples with x = 0.64-0.66 remain conductive (σ = 0.8-0.3 Ω −1 cm −1 ), but the donor activation rate drops to around 0.1% (carrier concentration around 1×10 18 cm −3 for [Ge] ≈ 1×10 21 cm −3 ). From the optical point of view, the low temperature photoluminescence is dominated by the band-to-band 2 emission, which show only spectral shift and broadening associated to the Burstein-Moss effect. The evolution of the photoluminescence peak position with temperature shows that the free carriers due to Ge doping can efficiently screen the potential fluctuations induced by alloy disorder.
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Introduction
Although silicon has long been the preferred n-type dopant for AlGaN, germanium is currently under consideration, particularly in those applications that require dopant concentrations around or higher than 10 19 cm −3 [1] [2] [3] [4] . In the case of AlGaN planar layers, high Si doping levels contribute to edge-type dislocation climb and induce tensile stress [4] [5] [6] [7] , which leads to a degradation of the surface morphology and favors crack propagation. In the case of nanowires, Si tends to migrate towards the sidewalls [8] , and high silicon concentration degrades the nanowire morphology [9] .
On the other hand, achieving highly conductive Si-doped AlxGa1-xN for x > 0.70 has proven difficult due to a sharp increase in the donor activation energy [10] [11] [12] and resistivity [13] . Carrier compensation by deep level defects, including deep Si DX centers, has often been speculated. DX centers are formed when a shallow donor impurity undergoes a large bond-rupturing displacement and becomes a deep acceptor by trapping electrons, which leads to a dramatic drop of the free carrier density. Different calculations support that Si forms a deep DX center in AlxGa1-xN [14] [15] [16] [17] . Park and Chadi [16] expected the onset of DX behavior for Si to occur at x > 0.24, whereas Boguslawski and Bernholc [13] predicted that Si-related DX centers are stable at x > 0.60, and Gordon et al. [15] obtained an onset of DX transition for x = 0.94. Experimental results are also contradictory, e.g. some studies suggested Si to be a DX center in AlxGa1-xN for x > 0.5 [18] , others for x ≥ 0.84 [19] , and some show indications of self-compensation for relatively high doping levels ([Si] > 3×10 19 cm −3 ) for x ≥ 0.42 [20] . The dispersion of the experimental results suggests that the electrical properties are not only related to the behavior of Si donors, but also strongly influenced by the growth-dependent structural characteristics of the samples.
In this framework, an alternative approach to obtain high carrier concentrations in AlGaN is to exploit the effect of spontaneous polarization gradients in graded-alloy AlGaN layers [21, 22] . However, this polarization-induced doping is bound to a gradient of lattice parameter and band gap, which imposes serious limitations to the device design.
Germanium is currently being reconsidered as a n-type dopant for AlGaN, particularly for doping concentrations above the Mott transition (≈ 10 19 cm -3 ) [4, 6] . Ge is a shallow donor in GaN with an activation energy of 31.1 meV [23] . Looking at the Ge-N and Si-N bond lengths (around 1.71-1.77 Å and 1.89-2.03 Å, respectively) in comparison with the Ga-N and Al-N bonds (around 1.95 Å and 1.89 Å, respectively), Ge should occupy the Ga or Al lattice sites in AlGaN causing far less lattice distortion than Si. As experimental evidences, the lower tensile strain in Ge-doped GaN in comparison with Si-doped GaN was demonstrated by Fritze et al. [6] , and growth of Ge-doped GaN nanowires with metallic behavior without deformation of the nanowire morphology has been demonstrated [24] .
However, there is very little experimental information about the behavior of Ge in AlGaN.
From the theoretical viewpoint, Gordon et al. [15] predicted the onset of the DX transition for Ge in AlxGa1-xN at x = 0.52, but there is no experimental evidence at this point.
Therefore, there is an interest to perform experimental studies of Ge as a dopant in AlGaN.
In this work, we report the effect of germanium as n-type dopant in AlxGa1-xN layers grown by plasma assisted molecular-beam epitaxy. Various series of Ge-doped AlxGa1-xN 
Methods
Ge-doped AlxGa1-xN thin films with thickness of 675 nm were grown by plasma-assisted molecular beam epitaxy (PAMBE) on 1-µm-thick AlN-on-sapphire templates. The growth was performed under slightly metal-rich conditions, with (ΦAl + ΦGa)/ΦN ≈ 1.1. The substrate temperature was kept in the 710-720°C range. The aluminum cell temperature was fixed so that the Al flux is ΦAl = xΦN where x was the desired Al mole fraction and ΦN ≈ 0.5 monolayers per second (ML/s) was the active nitrogen flux. The metal excess is provided by the Ga flux. The Ga cell temperature was tuned to obtain stable growth conditions, with a self-regulated Ga layer covering the growth front [25, 26] . This situation can be monitored in real time by verifying that the reflection high-energy electron diffraction (RHEED) intensity remains constant during the growth process, while maintaining a streaky RHEED pattern. The Al mole fraction was increased progressively up to 0.66 and the Ge cell temperatures were TGe = 840ᵒC, 928ᵒC, or 1011ᵒC, which lead to Ge concentrations around 10 19 , 1.5×10 20 and 1.3×10 21 cm −3 , respectively. The list of samples under study is summarized in Table I .
Rutherford backscattering spectrometry (RBS) measurements were performed using a collimated 1.8 MeV 4 He + ion beam and a silicon surface barrier detector at a scattering angle of 160°. To extract chemical composition and thickness, spectra were fitted using the NDF code [27] .
The structural quality of the layers was studied by x-ray diffraction (XRD) using a Rigaku SmartLab x-ray diffractometer using a 4-bounce Ge(220) monochromator and a Si compensator.
For particle induced x-ray emission (PIXE) analysis, a 2 MeV focused proton beam (3×4 µm 2 ) was raster scanned over the samples, and the produced x-ray signal was collected with a 145 eV resolution Si(Li) detector positioned at 45° to the beam direction.
The OMDAQ 2007 software was used to deconvolute PIXE spectra and obtain the Ge/Ga atomic concentration ratio. PIXE measurements were performed on samples A2G2, A3G3, A4G3, A5G3, A6G3, and A7G3. The minimum Ge concentration that could be detected by this technique was around 10 21 cm −3 . To validate the Ge concentration, secondary ion mass spectrometry (SIMS) measurements were performed on A0G3 and other reference GaN samples.
Energy Dispersive X-ray Spectroscopy (EDS) data have been collected on a Zeiss Ultra 55 scanning electron microscope (SEM) operated at 20 kV and equipped with a Flat Quad 5060F annular detector from Bruker for EDS measurements [28] . EDS measurements were performed on samples A0G3, A1G3, A3G3, A4G3, A5G3, and A6G3. The minimum Ge concentration that can be detected in our system is in the range of 5×10 18 to 10 19 cm -3 .
The Ge atom concentration in sample A0G3 was studied by atom probe tomography 
Results and discussion
The Al mole fraction of the Ge-doped AlGaN samples was studied by RBS, with the results listed in table 1. As an example, the RBS spectrum of sample A7G3 is displayed in Fig. 1 together with the NDF fit that was used to calculate the Al content. The error in the estimation of the chemical composition is ±0.01 for all the samples.
The structures were further analyzed by XRD using symmetric ω−2θ scans of the (0002) reflection for all the samples and the asymmetric (−1015) reflection for selected samples. From the angular location of the symmetric reflection, it is possible to extract the lattice parameter c, and the strain along c, εzz. From this value, and assuming that the strain is biaxial, we calculated the in-plane strain as εxx = −(c33/2c13)εzz, with cij being the elastic constants of the AlGaN layers [29] . The results are summarized in Table 1 and Fig.   2 (a). Let us remind here that the in-plane lattice mismatch between GaN and the AlN template is ≈ 2.6%. The AlGaN samples feel an important compressive stress at the beginning of the growth, and the mismatch relaxes progressively, as observed for binary compounds grown under metal excess [30] . The strain that remains after growth is around εxx = 0.12±0.04% (see ref. [1] for a statistical analysis) and increases with the Al mole fraction of the layers, as illustrated in Fig. 2 The evolution of the free carrier concentration, n, and resistivity, ρ, as a function of the Al mole fraction was studied by the Hall Effect technique. The results at room temperature are presented in Table 1 . For AlxGa1-xN samples with x < 0.4, the data is plotted in Fig. 6(a) TGe starts to deviate from the trend for GaN. This is understood as a change in the nature of the dopant, which is not only getting deeper in the bandgap but also self-compensating. This Al concentration is well below the predicted value for the onset of the DX configuration, but it could be related to the initiation of the clustering process that was described above.
For the highest Ge cell temperature used in this study, TGe =1011ᵒC (leading to n = 1.3×10 21 cm -3 in GaN, sample A0G3), the variation of n and ρ with the Al content is plotted in Fig. 6(b) . A significant decrease in n is observed for x > 0.24. At the highest Al composition of x = 0.66, we report a resistivity of 3.8 Ωcm. For this sample, reliable measurements of n were not possible due to the high resistance. The normalized low-temperature (T = 5 K) PL spectra of the AlxGa1-xN samples with the highest doping level (TGe = 1011ᵒC) is displayed in Fig. 7(a) . The spectra are dominated by the band-to-band emission, which blue shifts with increasing Al content. The PL peak position of all the samples are provided in table I, from where we can infer that, for a constant Al content, we observe a blue shift with increasing Ge incorporation due to band filling. However, as the Al content is increased, the blue shift with Ge incorporation becomes less significant due to the lower density of free carriers.
The evolution of PL Intensity IPL with temperature is represented in Fig. 7(b) for two of the samples (A2G3 and A6G3). For the samples with higher Ge concentration (TGe = 1011°C, [Ge] ≈ 10 21 cm −3 ), this behavior can be well described by a one-center model, using the equation [31, 32] =
where is the PL intensity at 0 K, is a fitting parameter, and is the activation energy of the non-radiative recombination process. The values of extracted from fitting the experimental data to equation (1) , the thermal quenching is more complex, requiring two activation energies to get a reasonable fit to the experimental results:
The resulting activation energies are presented as hollow symbols in the inset of Fig. 7 (b), and they increase clearly with the Al content. The lower activation energy is probably related to exciton localization at defects or alloy inhomogeneities, which are screened in the samples with higher carrier concentration. doping levels, the evolution presents an S-shape behavior, with a blue shift between 70 K and 150 K. This is explained by the fact that the low-temperature emission is dominated by transitions of carriers localized in alloy fluctuations [33, 34] . As temperature is increased beyond 150 K, carriers get thermally delocalized, and EPL approaches Varshni's law [35] . For the samples with the lowest doping level, the shift in PL peak energy at 5 K with respect to that described by Varshni's law was used to estimate a localization energy Eloc = 23±3 meV in both cases. Such a localization energy can be justified by alloy fluctuations in the order of ±1%. When increasing the doping level, the S-shape evolution gets attenuated due to the screening of the potential fluctuations by free carriers. For carrier concentrations in the 10 20 cm −3 range, the potential fluctuations due to the alloy inhomogeneities are fully screened even at low temperatures.
Conclusion
In conclusion, we synthesized Ge-doped AlxGa1-xN with Al mole fraction up to x = 0.66.
We demonstrated that Ge does not induce any structural degradation in AlGaN samples with x < 0.15. However, for higher Al composition, we observe Ge segregation and 
